We show that using a density-functional supercell method we are able to follow the location of defect gap levels in SiGe alloys for different alloying compositions. The method is tested for several properties of the alloys, with special emphasis in the local bond-length relaxations. Our results indicate a predominant Pauling character for the alloys, with a topological rigidity parameter a** lying between 0.7 and 0.8. A comparative study between the electrical properties of the interstitial carbon ͑C i ͒ and carbon-oxygen ͑C i O i ͒ centers in the alloys, shows that these complexes interact weakly with Ge atoms. The C i O i defect is predicted to produce a hole trap that varies as ⌬E͑0/ +͒ = 0.41− 0.76x eV, implying its disappearance for Ge fractions x greater than ϳ0.5.
I. INTRODUCTION
Si and Ge form a fully miscible solid solution crystallizing in a diamondlike structure. These Si 1−x Ge x alloys (where x is the molar fraction of Ge) are on the basis of several improvements in device properties over the established Si technology. 1 Among these, and perhaps unexpectedly, are the high carrier mobilities that can be achieved, 2, 3 enabling this material to be used in devices operating under high frequency regimes, or the possibility of engineering band edges 4, 5 for the fabrication of strained-layer heterostructured devices. 1, 6 Successful fabrication processes depend on the knowledge of the alloy properties, and consequently on defects that may appear in as-grown material, during processing as well as while operating. Of particular importance are the electrical and mechanical effects induced by such defects, which may compensate the material type by activating deep carrier traps, or deactivating dopant states in the gap. Spurious light impurities such as hydrogen, carbon, and oxygen are particularly important. They are highly reactive, and may become mobile at typical processing temperatures. On the other hand they often are deliberately introduced in the material. For example, carbon atoms are able to compensate the built-in strain in pseudomorphic Si 1−x−y Ge x C y / Si systems (see Ref. 7 , and references therein), while similar to Si, oxygen is vital in order to produce thermal oxides to function as a gate dielectric in metal-oxide-semiconductor field-effect transistors. 1 Here we report an ab initio study of the electrical activity of interstitial carbon ͑C i ͒ and the interstitial carbon-oxygen ͑C i O i ͒ complexes in SiGe alloys. These are among the most common defects that appear in carbon-rich and carbonoxygen-rich silicon samples subjected to MeV electron irradiation, respectively.
In Si irradiated crystals, C i defects are produced via the well known Watkins replacement mechanism. 8 Accordingly, fast diffusing irradiation-induced Si self-interstitials take the place of substitutional carbon ͑C s ͒ impurities, with the latter being ejected to an interstitial lattice location. Much of its properties were established after electron paramagnetic resonance (EPR) studies, 8, 9 resulting in two orthorhombic signals labeled G12 and L6, that were assigned to C i + and C i − defects, respectively. This picture was corroborated by deep level transient spectroscopy (DLTS) measurements, 9,10 which concluded that the defect may occur in three charge states, producing donor and acceptor states at E͑0/ +͒ − E v = 0.28 eV and E c − E͑−/0͒ = 0.10 eV, respectively. The C i defect is also responsible for a photoluminescent (PL) signal with a zerophonon line (ZPL) at 856 meV. 11 The line energy is close to the difference between the gap and the hole trap depth, and it was demonstrated to arise from the recombination of an electron from an effective-mass state near the conduction band to the deep donor state. 12 The accepted structure for the C i defect is shown in Fig. 1 , and it is formed by substituting a host Si atom by a Si a -C split-interstitial pair aligned along a ͗001͘ direction. 13 The C i defect is stable up to just above room temperature when it starts to diffuse. 8 In carbon and oxygen rich Si crystals, the most likely fate of mobile C i defects is to react with abundant C s and O i impurities, resulting in the more stable C i C s and C i O i complexes, respectively. 14, 15 The latter is again responsible for a prominent 0.7896 eV photoluminescent zero-phonon signal (usually referred to as the C line), 16, 17 also arising from the recombination between an effective-mass-like electron and a tightly bound hole. 18 The difference between the band gap and the recombination energy agrees closely with the E͑0/ +͒ − E v = 0.38 eV hole trap linked to the defect by DLTS measurements. 19 The C i O i de-fect is EPR active in the positive charge state, and responsible for a monoclinic-I signal (G15). 15 From these reports, together with local-vibrational spectroscopic data and ab initio calculations, [20] [21] [22] [23] the microscopic model shown in Fig. 1 was established. 23, 24 More recently, the production of C i and C i O i complexes in Si 1−x Ge x has also been reported. The C i defect was investigated by DLTS in both n-and p-type samples, [25] [26] [27] and from these studies it was concluded that neither donor nor acceptor levels were pinned to the band edges. Interestingly, both states shifted with the Ge fractional content x at the same rate of −0.30 x eV away from the conduction band minimum, i.e., the Hubbard energy U showed a constant value of ϳ0.79 eV for 0 ഛ x ഛ 0.5. 27 On the other hand, the C i O i complex was studied in Si-rich samples only ͑0 Ͻ x ഛ 0.06͒. 28 DLTS and PL signals associated with the defect were monitored for several Ge fractional concentrations, but surprisingly the shift rates did not match. While the DLTS data shows an increase in the electron ionization enthalpy by 0.55 x eV, the optical data gives only 0.35 x eV. Despite the high resolution Laplace-DLTS technique being employed as well, only PL was able to distinguish a lower energy satellite to the C line with a fractional area that increased up to ϳ0.4 of the main peak for x = 0.06. This observation suggests the formation of centers that incorporate Ge atoms at their core. Moreover, a considerable broadening rate of the C line with x lead the authors to suggest that C i O i complexes form preferentially in Ge-rich regions of the alloys. 28 To help in the clarification of these problems, we report ab initio pseudopotential calculations of carbon-oxygen complexes in Si 1−x Ge x , and compare the results with the available electrical and optical data. This introduction is followed by Sec. II, which describes the method to model the alloys and to estimate defect levels. In Sec. III we report a series of tests to the method. Among these is the study of the variation of the Si-Si, Si-Ge, and Ge-Ge, bond lengths with the Ge fractional content x. The electrical and optical properties of C i and C i O i complexes appear in Sec. IV, and we finally present the conclusions in Sec. V.
II. THEORETICAL METHOD
We use a spin density functional code (AIMPRO), 29 along with the dual-space separable pseudopotentials by Hartwigsen, Goedecker, and Hutter, 30 and the Padé parametrization for the local density approximation. 31 Valence orbitals on each atom are represented by a ͑n s , n p , n d ͒ set of CartesianGaussian s-, p-, and d-type basis functions. Here, Si, Ge, and C have a (4,4,2) basis, whereas the basis for O is (6, 6, 3) . The charge density and potential terms are expanded in plane waves with energies of up to 150 Ry. Defects were placed in 64 atom cubic supercells, and the Brillouin zone was sampled with the MP-2 3 special k points by Monkhorst and Pack. 32 The SiGe alloys are described by using the ''ordered alloy approximation.'' In order to create an approximate Si 1−x Ge x host, several randomly generated Si 64−n Ge n supercells were considered (with 0 ഛ n =64 x ഛ 64, and n being an integer), and their equilibrium volumes V 0 ͑x͒ determined with help of the Murnaghan equation of state. 33 Further details and results are reported in Sec. III. In defective supercells, Si and Ge host atoms were also chosen randomly, and their volumes V 0 ͑x͒ obtained according to the step described above.
Calculation of defect levels in semiconductors is a tough task. They may, however, be estimated in a variety of ways already reported in the literature. [34] [35] [36] Among several difficulties is the fact that the local density approximation underestimates the width of the forbidden gap, compromising the accuracy of these calculations. To overcome this problem we use the marker method, 35 which has been successful in predicting defect states in silicon, 37, 38 and more recently in SiGe alloys. 39 For an elemental host, donor and acceptor states
] of a defect are estimated by comparing their respective ionization energies Now we extend the marker method to the alloys. Ge atoms in Si-rich alloys are expected to perturb the location of defect levels in two ways-(i) by a direct interaction, i.e., reacting with the defects themselves and producing bound defect-Ge complexes or (ii) indirect interaction, by modifying the host and defect-host coupling properties via charge transfer within Si and Ge atoms due to their different electronegativities. This includes a volume expansion of the crystal, as well as a shift of the band edges. From an experimental point of view, in case (i) the level location of a particular defect-Ge complex may be well resolved from those produced by the most abundant structures, and one or more shoulders may appear near a DLTS or PL main signals. On the other hand, in case (ii), Ge atoms lie remotely to the defect. Here a volume expansion, as well as a variation of the defect-host coupling occurs across the alloy composition x, and this is expected to induce a smooth shift of gap levels relatively to the band edges.
The direct interaction is considered here by studying C i -Ge ␣ and C i O i -Ge ␣ complexes represented in Fig. 1 . Their electrical activity was compared to that of supercells containing C i + Ge and C i O i + Ge defects as markers, respectively, where the plus sign means that the supercell containing C i and C i O i complexes include a substitutional Ge s impurity at a remote location to the respective defects. Here the volume of all supercells correspond to V 0 found for x =1/64.
To study the effect of the indirect interaction, we constructed up to five random configurations of Si 63 Ge 1 , Si 60 Ge 4 , and Si 56 Ge 8 supercells, containing the C i and C i O i complexes, and using their appropriate alloy lattice parameters reported in Sec. III (5.3973, 5.4052, and 5.4158 Å, respectively). For reasons that will become clear, we did not consider cells possessing Ge atoms at sites a and b for C i , and sites a, b, c, and d for C i O i , respectively (see Fig. 1 ). Hence, for the alloys the marker method gives donor and acceptor states which depend on the x fraction of Ge atoms in the cell, i.e.,
and
The marker used is the C i defect in Si 1−x Ge x , whose donor and acceptor states were established to vary as ⌬E m ͑0/ +͒ = 0.28− 0.73 x eV and ⌬E m ͑−/0͒ = 0.10− 0.30 x eV, respectively. 27 Here we assume that for small Ge fractions the narrowing of the band gap is linear in x, and solely due to a valence band shift. 40 According to the PL measurements by Weber and Alonso, 41 the gap is E g = 1.17− 0.43 x eV for small fractions of Ge, and therefore E v = 0.43 x eV.
III. MODELING THE ALLOYS
We begin by reporting a couple of standard tests to the method. These include the structural and elastic properties of elemental Si and Ge in their crystalline forms. For this purpose we solved the Murnaghan equation of state Now we turn to the alloys. In Si 1−x Ge x the mean lattice parameter a͑x͒ varies almost linearly between the individual Si and Ge bulk constants a Si and a Ge . According to the Vegard law, the mean bond length r is assumed to vary linearly with x as
where r SS 0 and r GG 0 are the Si-Si and Ge-Ge bond lengths from their respective bulk crystals. Despite the validity of Eq. (3) for a wide variety of metallic and semiconducting alloys, a subtle bowing of r is often observed, and this is also the case for Si 1−x Ge x . 44, 45 This slight departure from linearity is more pronounced at x Ϸ 0.5. Following Refs. 45 and 46, we define this deviation ␥, as
where r SG is the mean Si-Ge bond length. For a diamond-like random alloy, the average bond length r may then be written as 46
If ␥ Ͼ 0 the average bond length r bows upward, whereas a downward bowing occurs for ␥ Ͻ 0. Despite the considerable experimental error in the determination of ␥, a value of about −0.006 Å has been reported based on x-ray data. 45, 47, 48 Another important feature about the alloys concerns its local structural details. According to the Vegard limit, for any given composition, Si-Si, Si-Ge and Ge-Ge bond lengths are the same, and internal distortions are purely radial while bond angles are kept at the tetrahedral angle. On the other hand, at the Pauling limit, bond lengths are constant, and strain is accommodated via bond-angle distortions only. Cai and Thorpe 49 have defined a topological rigidity parameter a**, with 0 ഛ a** ഛ 1, relating the interatomic bond lengths to the macroscopic lattice constant. This parameter may be understood as follows. Suppose that we have a perfect zinc blende crystal with a central force constant ␣ between neighboring atoms. Now, if we apply a radial force F r to each of the four neighbors around a specific atom, a displacement F r / ␣ takes place if there is no reaction from the host matrix. On the other hand, if we consider the matrix, the displacement is a**F r / ␣. In SiGe alloys, Si-Si and Ge-Ge bonds may then be expressed as 46 r SS ͑x͒ = r͑x͒ − a* *͑r GG 0 − r SS 0 ͒x, ͑7͒
If a** = 0, the lattice is perfectly rigid and every bond takes equal values to fit the lattice parameter. This is the Vegard limit. On the other hand, if a** = 1, the lattice is floppy with all bonds possessing their natural lengths, and we are in the Pauling limit. Experiments indicate that the local strain in SiGe alloys is accommodated by both bond length and bond angle distortions. Several values of a** between 0.6 and 0.8 have been reported in the literature, 45, 47, [50] [51] [52] suggesting that SiGe alloys are closer to the Pauling limit. Interestingly, and in contrast to the topological rigidity model, Aubry et al. 47 reported species dependent a** values, i.e., they found r SS , r SG , and r GG to vary with slopes affected by a** = 0.94, 0.84, and 0.70, respectively.
In order to address this problem, we estimated the average bond lengths in a series of random Si 64−n Ge n supercells for several values of n. The resulting Si-Si, Ge-Ge, and Si-Ge bond lengths (r SS , r GG , and r SG , respectively) are shown in Fig. 2 , and are in line with previous reports employing a similar theoretical framework. 53, 54 The average bond length r taken from the lattice parameter is also shown in the same graph and compared with the prediction from the Vegard law (dashed line). Ge fractional contents of 1 / 64, 4 / 64, 8 / 64, and 16/ 64 correspond to equilibrium lattice parameters of 5.3973, 5.4052, 5.4158, and 5.4375 Å, respectively. In agreement with Ref. 47 , we find that r SS , r GG , and r SG do not vary with the same slope. Therefore we fitted our results to Eqs. (7) and (8) by assuming independent a** parameters for Si-Si and Ge-Ge bonds, namely, a SS ‫ءء‬ and a GG ‫ءء‬ , and Si-Ge bond lengths were found from Eq. (4). In Eqs. (7) and (8) we assume that r͑x͒ varies linearly with x according to Eq. (3).
The fitting procedure gives a ‫ء‬ ‫ء‬ = 0.79 and a GG ‫ءء‬ = 0.74, which are close to the measured data. In line with the x-ray data by Aubry et al.. 47 we predict that a SS ‫ءء‬ Ͼ a GG ‫ءء‬ . This indicates that the Ge-Ge bonds are softer than Si-Si bonds, i.e., bond angle distortions are more pronounced around Si atoms than Ge atoms. An offset parameter ␥ = −0.0059 Å was obtained from the fit to the Si-Ge bond lengths [Eq. (4)]. A nonzero ␥ mirrors the different electronegativities of Si and Ge atoms, leading to Si-Ge bond lengths that differ from the average between Si-Si and Ge-Ge bond lengths.
IV. THE C i O i and C i COMPLEXES
C i and C i O i complexes were extensively studied in Si, and our results agree with previous modeling. 13, 23, 24 The C i defect has C 2v symmetry in all ϩ, 0, and Ϫ charge states with C-Si a and C-Si b bond lengths of 1.73 and 1.80 Å, respectively. The defect is compressive along [001] and ͓110͔, and tensile along [110] directions. As a result, the bond lengths between neighboring Si a and Si d atoms are reduced by 3%, while Si b -Si c is expanded by 4% when compared to the bulk Si-Si bonds. The C i defect produces two states within the gap, arising from the C and Si a threefold coordinated radicals in its core. The lower energy gap state is fully occupied, mostly p-like, and centered at the C atom, whereas the upper state is empty, and overlaps Si atoms around the defect.
These transform according to b 1 and b 2 representations of the C 2v point group. This is in agreement with the EPR data, where positively and negatively charged defects were associated to signals with clear 13 C and 29 Si satellite structures, respectively. 8, 9 Similar to the C i defect, C i O i is compressive along [001] and ͓110͔, and tensile along [110] directions. The Si a -Si g and Si d -Si f bonds are compressed and expanded by about 2.5%, and similarly to C i , the C-Si a and C-Si b bond lengths are 1.75 and 1.78 Å, respectively. Inspection of the one-electron band structure shows a fully occupied p-like gap-state centered on the carbon atom, but none overlapping the overcoordinated oxygen atom. This has been interpreted as an electron transfer from the threefold coordinated O atom, that produces a semioccupied donor state above the conduction band bottom, to the carbon-related deep state. 23, 24, 55 For this reason, C i + and C i O i + defects possess similar donor wave functions, and they present themselves an example where the marker method is well suited to describe their electrical properties. This is confirmed when we evaluate the relative C i ͑0/ +͒ and C i O i ͑0/ +͒ donor level locations. In a 64 Si atom supercell, their ionization energies are −5.48 and −5.60 eV, respectively. This places the C i O i ͑0/ +͒ state at 0.12 eV above C i ͑0/ +͒ i.e., at E v + 0.40 eV, only 0.04 eV away from the measurements.
A. Effect of Ge atoms at the core of the defects
Now we investigate the effect of Ge atoms at the core of C i and C i O i defects. For this purpose, we employed Si 63 Ge 1 supercells using its equilibrium lattice constant a = 5.3973 Å. The results are summarized in Tables I and II , and all defect structures are depicted in Fig. 1 . From energetics we may conclude that defects possessing a direct Ge-O or a Ge-C bond are unlikely to form. These defects have energies between 0.3 and 0.8 eV above those of defects in a Ge-free region. As with the vacancy-oxygen defect in SiGe alloys, 39 the large Ge atoms prefer Si sites at tensile regions around the defect. These are sites c in C i , and sites e and f in C i O i .
We also note that Ge atoms at these preferential sites stabilize the defects by at most ϳ0.07 eV. Table II also However, in Ref. 26 it was noted a substantial increase in the annealing temperature of C i in SiGe alloys, from 325 K for x = 0.005 to 510 K for x = 0.5. This was later confirmed after isothermal anneal measurements, 27 and the conclusion was that the annealing retardation was due to a substantial decrease in the effective attempt frequency for migration, and not to an enhancement of its diffusion barrier. The relative energies in Table I are in line with this picture, showing that C i defects are marginally bound to Ge atoms, but these may act as scattering centers. The ionization energies and electron affinities of C i -Ge and C i O i -Ge defects were compared to those of cells containing C i and C i O i plus a remote Ge atom. The relative location of their electrical levels are shown in Tables I and II, respectively. It is clear that disregarding the less stable structures where direct C-Ge or O-Ge bonds occur, all defects produce donor and acceptor states close to their respective markers. This is especially the case for donor levels. Here, the donor state is well localized on the C atom, and is weakly affected by a nearby Ge atom. This is perhaps why the Laplace-DLTS measurements were unable to resolve any satellite structure around the main signal. 28 However, the more sensitive PL measurements distinguished the formation of a 5 meV redshifted peak when increasing the Ge concentration. However, and given the accuracy of our method, we are not able to link this feature to a specific C i O i -Ge structure.
B. Effect of the alloy on the energy levels
As described in Sec. II, the effect of the alloy on the energy levels was modeled by a random Ge substitution of n = 1, 4, and 8 Si sites around the defects. Five random configurations for each Ge concentration (x = 1 / 64, 4 / 64, and 8 / 64, respectively) were investigated, using their respective equilibrium alloy lattice parameters. Configurations possessing direct Ge-C and Ge-O bonds were not considered. Their high formation energies makes them unlikely to occur. Under these conditions, the energies of the several Si 64−n Ge n :C i and Si 64−n Ge n :C i O i supercells varied within 0.03 eV around their respective average values.
The ionization potentials for the above mentioned configurations were calculated, and their mean values are shown in Fig. 3 . They show a fairly linear shift as the Ge content builds up, and their slopes are shown over their respective fitted lines. We note that both ionization energies for C i and C i O i complexes follow almost two parallel lines, and this is a consequence of the similar character of their respective donor states.
Knowing that for a Ge fraction x the C i ͑0/ +͒ level approaches the valence band top as ⌬E͑0/ +͒ = 0.28 − 0.73x eV, from Eq. (1) we may readily estimate the shift of the C i O i ͑0/ +͒ level as ͑1.12− 1.15− 0.73͒ x = −0.76x eV. Therefore, by comparing the ionization energy lines of C i and C i C i , and offsetting their difference by the C i ͑0/ +͒ donor level, we arrive at the estimate for the C i C i donor level in the alloys of
where the values within parentheses are error estimates from the fitting procedure. Electron affinities of C i and C i O i defects were also compared. In this case, we ended with small and slightly negative values for C i O i ͑−/0͒ electron trap depths. Hence we conclude that the C i O i complex does not produce an acceptor state, at least for x up to about 0.125. We also looked at the location of the C i ͑−/0͒ acceptor level by calculating the correlation energy U = E͑−͒ + E͑+͒ −2E͑0͒ which gives about 0.37+ 0.01x eV, almost independently of the Ge content. Due to the underestimation of the gap, U is about half of the measured figure, but its constancy with x agrees with the observations. 27 Interestingly, under the assumption that, similar to the C i ͑0/ +͒ state, the C i O i donor level shifts linearly for higher Ge concentrations, we conclude that C i O i ͑0/ +͒ becomes resonant with the valence band at about x = 0.5. In order to compare its −0.76 eV shift rate with the experimental data from Ref. 28 , it has to be subtracted by the −0.43 eV narrowing rate of the alloy gap, which gives a −0.33x eV shift with respect to the conduction band bottom. This value is in excellent agreement with the measured −0.35x eV shift from PL, but it is at variance with the DLTS data. 28 The C center in Si in its excited state has been demonstrated to be a pseudodonor center producing an absorption spectrum similar to those of the shallow donors such as phosphorus. 18, 56 A possible explanation for the discrepancy between the PL and DLTS data would be the occurrence of a gradual increase in the binding energy of the loosely bound electron in the bound exciton associated with the C line. Despite the lack of the C line temperature quenching measurements, as suggested in Ref. 28 , this effect is unlikely to occur as the binding energy of the phosphorus donor levels actually decreases at the negligible rate of −26x meV. 57 Nevertheless, we investigated this possibility by estimating the excitonic energy,
, where E dX is the energy of the defective supercell after promoting an electron from the donor state to the lowest unoccupied band state. We found that E dX − E d ͑0͒ increases at a rate of 0.37x eV. If this is compared with the 0.33x eV increase rate of the electronic ionization energy, it suggests that the exciton binding energy indeed decreases at a rate of −0.04x eV. It seems therefore clear that more measurements are needed in order to solve this apparent contradiction.
V. CONCLUSIONS
The study of two prominent defects (C i and C i O i ) that appear in MeV irradiated Si containing carbon and oxygen was revisited, and extended here with a detailed investigation of their properties in SiGe alloys by density-functional modeling. We started by showing that the alloys are well described using an ordered alloy approach, where randomly scattered Ge atoms substitute a specific number n of Si atoms in a supercell. By relating n to the Ge fraction x in the alloy, we were able to reproduce the measured individual Si-Si, Si-Ge, and Ge-Ge bond lengths for several Ge concentrations. From these results we conclude that the alloys show a pronounced Pauling character, where the variation rate of the Si-Si bond lengths is affected by a factor of ͑1−a SS ‫ءء‬ ͒ = 0.21 when compared to alloy lattice constant. Interestingly, the slightly different slopes a SS ‫ءء‬ and a GG ‫ءء‬ associated with the Si-Si and Ge-Ge bonds suggest that the release of the local strain by bond-angle distortions is more pronounced around Si atoms than Ge atoms.
The effect of alloying Ge atoms in the properties of C i and C i O i complexes is studied in a comparative way. A direct interaction with Ge results in the formation of C i -Ge and C i O i -Ge structures which are at most marginally bound when direct Ge-O or Ge-C bonds are not involved. This rules out an explanation of the enhanced thermal stability of C i defects in Si 1−x Ge x based in the formation of stable C i -Ge defects. A similar picture applies to C i O i -Ge. Here, the C atom is found to be bound to a O i -Ge defect by 1.6 eV, i.e., close to the binding energy of C i to O i in Si crystals.
The location of the donor levels of C i -Ge and C i O i -Ge is estimated to be within less than 10 meV from those of C i and C i O i complexes with remote Ge atoms, respectively. This is not the case for the acceptor states of C i -Ge defects, where second neighboring Ge atoms induce level shifts of up to ϳ40 meV. This may be a consequence of a somewhat delocalized character of the C i − state. Finally, we apply the marker method to follow the relative location of the C i ͑−/0͒, C i ͑0/ +͒, and C i O i ͑0/ +͒ levels in Si 1−x Ge x up to x = 0.125. Our results indicate that all levels shift with x at similar rates. In particular, C i O i ͑0/ +͒ − E v = 0.41− 0.76 x eV, or E c −C i O i ͑0/ +͒ = 0.76+ 0.33 x eV, implying that this state becomes resonant with the valence band for x greater than ϳ0.5. This is in very good agreement with the PL measurements, according to which the energy of the zero-phonon C line is given by 0.789+ 0.35 x eV, but not with the DLTS data which gives E c −C i O i ͑0/ +͒ = 0.81 + 0.55 x eV.
